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Many traditional approaches for strengthening steels typically come at the expense of useful ductility, a
dilemma known as strength–ductility trade-off. New metallurgical processing might offer the possibility of
overcoming this. Here we report that austenitic 316L stainless steels additively manufactured via a laser
powder-bed-fusion technique exhibit a combination of yield strength and tensile ductility that surpasses that
of conventional 316L steels. High strength is attributed to solidification-enabled cellular structures, low-angle
grain boundaries, and dislocations formed during manufacturing, while high uniform elongation correlates to
a steady and progressive work-hardening mechanism regulated by a hierarchically heterogeneous
microstructure, with length scales spanning nearly six orders of magnitude. In addition, solute segregation
along cellular walls and low-angle grain boundaries can enhance dislocation pinning and promote twinning.
This work demonstrates the potential of additive manufacturing to create alloys with unique microstructures
and high performance for structural applications.
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Abstract 
Many traditional approaches for strengthening steels typically come at the expense of useful 
ductility, a dilemma known as strength-ductility trade-off. New metallurgical processing might 
offer the possibility of overcoming this. Here we report that austenitic 316L stainless steels 
additively manufactured via a laser powder-bed-fusion technique exhibit a combination of yield 
strength and tensile ductility that surpasses that of conventional 316L steels. High strength is 
attributed to solidification-enabled cellular structures, low-angle grain boundaries, and 
dislocations formed during manufacturing, while high uniform elongation correlates to a steady 
and progressive work-hardening mechanism regulated by a hierarchically heterogeneous 
microstructure, with length scales spanning nearly six orders of magnitude. In addition, solute 
segregation along cellular walls and low-angle grain boundaries can enhance dislocation pinning 
and promote twinning. This work demonstrates the potential of additive manufacturing to create 
alloys with unique microstructures and high-performance for structural applications. 
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Making lighter, stronger, and more ductile materials has been a central focus of materials 
scientists and engineers1-8. One longstanding challenge, however, is to overcome the strength – 
ductility trade-off that exists ubiquitously in pure metals and alloys9,10, which hampers their 
structural applications. Austenitic 316L stainless steel (SS), in particular, is a workhorse material 
of our society owing to its excellent corrosion and oxidation resistance, and is used in such diverse 
applications as kitchen tools, medical implants, oil rigs, and nuclear power plants. One major 
drawback of coarse-grained 316L SS is its low yield strength (~250-300 MPa)11. Many traditional 
metallurgical routes to strengthening this material (e.g., cold rolling, forging) inevitably lead to a 
severe drop in useful tensile ductility. To date, the strategies to achieve both high strength and 
ductility remain rare despite decades of studies. 
Recently, several engineered gradient microstructures with spatial variations of either grain 
size or twin spacing have been demonstrated to have potential of achieving both high strength and 
high ductility10,12,13. However, nearly all these approaches require tooling or surface mechanical 
treatment, which are not readily applicable to the complex geometry components necessary for 
practical applications. Here we apply a laser powder-bed-fusion (L-PBF) technique for additive 
manufacturing (AM)14,15 to produce 316L SS with an exceptional combination of strength and 
ductility. Unlike any conventional synthesis/manufacturing technique, L-PBF “prints” materials 
and parts directly from a computer-aided design file and thus offers unique advantages of design 
freedom for complex geometry without the need for tooling. As L-PBF is a layer-by-layer build 
technology, it permits ample opportunities to tailor the microstructure and subsequent mechanical 
properties. The highly localized melting, strong temperature gradient16, and high solidification 
front velocity associated with L-PBF processes generate extremely nonequilibrium 
microstructures that are not accessible through conventional methods. In essence, L-PBF integrates 
materials synthesis and manufacturing in a single print, making it attractive for a broad range of 
technological applications. 
A fundamental understanding of the structure-property relationship in AM metals is critical to 
this disruptive technology. One challenge for L-PBF processes is to optimize a set of laser 
processing parameters so as to produce high-quality, porosity-free samples. To this end, we have 
used a combined approach of modelling and experiments17 to identify the laser parameters and 
build near fully-dense (>99.2%) square pillars and rectangular plates of 316L SS [Methods and 
Supplementary Information (SI), Table S1]. Two different types of L-PBF machines were used 
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and named as “Concept” and “Fraunhofer”, respectively. Table S2 lists the typical composition of 
316L SS fabricated by L-PBF from each machine, together with a reference AISI 316L sample11. 
The overall composition of our L-PBF 316L SS is similar to that of the commercial AISI 316L SS 
except for the oxygen and nitrogen contents. Both impurities could originate from the powder 
source that was atomized in a nitrogen environment. Synchrotron X-ray diffraction (SXRD) 
indicates that the primary phase in as-built 316L SS is face-centred cubic, with no measurable 
body centred cubic phase present (SI, Fig. S1). 
Microstructure characterization (Methods) of an as-built Concept sample reveals multiple 
length scales and chemical heterogeneity, as schematically illustrated in Fig. 1a. The grain 
orientation and size distribution were measured by electron backscatter diffraction (EBSD) in a 
scanning electron microscope (SEM), Figs. 1b and 1f. Grains under EBSD exhibit a ripple pattern 
instead of a traditional faceted morphology. A continuous change of colour and orientation was 
frequently observed within one single grain. Overall, the microstructure of L-PBF 316L SS shows 
highly nonconventional grain shape, distribution, and orientation gradient. Our EBSD 
measurements further indicate that L-PBF 316L SS contains a large fraction of low-angle grain 
boundaries (LAGBs, 2-10°, ~41% of the total GBs, Fig. 1g). Orientation gradients or local 
misorientations across grains are observed, as evidenced in the kernel average misorientation 
(KAM) map shown in Fig. 1h, where the angular orientation deviation from pixel to pixel inside 
each individual grain is mapped. Comparison of Fig. 1g and Fig. 1h indicates that there is a direct 
correlation between orientation deviation and LAGBs. The estimated average grain size (d) based 
on the high-angle grain boundaries (HAGBs) is 45 ± 7.9 µm with a large standard deviation, 
leading to a grain area distribution that spans over several orders of magnitude (SI, Fig. S2). These 
EBSD data suggest that L-PBF 316L SS is an unconventional material with a broad grain-size 
distribution, a large fraction of LAGBs, and ripple-like grain shapes. Voids are also present but 
the volume fraction is far less than 1%. 
Further microstructure characterization reveals a broad range of internal boundaries, sub-grain 
structures, and chemical segregations. The as-built 316L SS has highly heterogeneous 
microstructure, both structural and chemical, Fig. 1c-e, with fusion boundaries, dendritic and 
cellular walls, dislocations, precipitates, segregated elements (e.g., Cr and Mo), and atomic scale 
impurities (e.g., N and H) (Table S2). The microstructural length scales span over five to six orders 
of magnitude from nanometre to sub-millimetre, in contrast to conventional counterparts. Twins 
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are not observed in the as-built materials. Of particular interest is the solidification cellular 
structures that are commonly observed in L-PBF alloys. The size of these cellular structures in our 
materials is less than 1 µm (Fig. 1d) (i.e., substantially smaller than d~45 ± 7.9 µm). The volume 
fraction and size of the cellular structures vary from sample to sample, in agreement with previous 
reports18. Our compositional mapping reveals segregation of Cr and Mo along the walls of 
solidification cellular structures and LAGBs, Fig. 1i. The precipitates of transition metal silicates 
(in which Mn and Cr content varies from particles to particles) with the size in the range of 10-150 
nm are also observed along the cellular walls, Fig. 1e and SI, Fig. S3. Cellular walls are observed 
to be decorated with a high density of dislocations (Fig. 1d), with relatively clean interior, Fig. 1i 
[see the high-angle annular dark field (HAADF) image]. The size and wall thickness of these 
solidification cells are known to be connected to solidification conditions (i.e., thermal gradient, 
cooling rate, solidification front velocity) during the L-PBF processes19. In our case, the wall 
thickness is typically <160 nm. The cellular structures have been commonly reported in Al-based, 
Co-based, and Fe-based alloys produced by L-PBF processing19. Because of the distinct 
compositional difference between the walls and the matrix, secondary phases have sometimes been 
reported for these walls. Therefore, these solidification cellular structures are not conventional 
dislocation walls despite their morphological similarity.  
Interestingly, our transmission electron microscopy (TEM) studies reveal substantially less or 
little elemental segregation in the Fraunhofer sample (SI, Fig. S4), suggesting that the elemental 
segregation and cellular structures are closely related to the laser processing parameters. To 
qualitatively compare various processing parameter effects on microstructures, in SI, Fig. S5 we 
construct a normalized processing diagram for our L-PBF materials, following the normalized 
equivalent energy density (𝐸0
∗) approach (Methods)20,21. Although relatively crude, the 𝐸0
∗ diagram 
helps to delineate the useful processing windows and major microstructure length scales involved 
in this work. In general, we employ combinations of laser parameters that fall near 𝐸0
∗~2 isopleth 
line for the Concept machine and 8< 𝐸0
∗<16 for the Fraunhofer machine, respectively; i.e., the 
latter employs a much higher energy efficient process by applying a significantly larger beam size 
(and thus wider melt pool), compensated by the slower laser speed and larger build layer thickness. 
Tensile tests of as-built samples from two different types of machines indicate that L-PBF 
316L SS has high yield strengths, which are 2-3 times stronger than those of as-cast, as-wrought, 
and coarse-grained counterparts11, Fig. 2a. In addition, L-PBF materials also show a large tensile 
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elongation to failure. Of particular significance is that L-PBF 316L SS shows a steady strain 
hardening ability at high stress levels, as indicated by the Kocks-Mecking plot shown in SI, Fig. 
S6, leading to a uniform tensile elongation that well surpasses the conventional 316L SS with 
similar strengths, Fig. 2b and Table S3. This exceptional combination of yield strength and uniform 
tensile elongation is seen in a series of L-PBF 316L SS samples printed by different laser 
processing parameters, far outside “the crescent-shaped domains” enclosing the inversely-related 
strength and ductility data for 316L SS reported in the literature11,22-31. Notably, the L-PBF 
materials even surpasses those high-performance 316L SS, including materials strengthened by 
nanotwin bundles11 and those with bimodal grain structures32.  
An increased strength is commonly reported for several L-PBF metals and alloys14,33-41, 
including L-PBF 316L SS34,35,41-43. However, this phenomenon is not well understood and has 
often been attributed to a single strengthening source such as solidification cellular walls44, 
dislocations34, microstructure refinement45, or nanoprecipitates41. In particular, the average 
diameter of solidification cells has been previously applied to scale the strength of L-PBF 316L 
SS18,35,44. Based on a series of SEM images similar to the one shown in the inset of Fig. 1c, we 
measured average solidification cell sizes of 0.58 ± 0.07 µm and 0.93 ± 0.04 µm, respectively, for 
the Concept sample (red curve in Fig. 2a) and the Fraunhofer sample (blue curve in Fig. 2a). 
Assuming a Hall-Petch-type strengthening behaviour, where the yield strength 𝜎𝑦 scales with the 
cell size (Lc): 𝜎𝑦= 183.31 + 253.66/√𝐿𝑐 (MPa) (SI, Fig. S7), we calculate the  𝜎𝑦 values of 516 
MPa and 446 MPa, respectively. These values account for a substantial portion of the measured 
yield strengths of 590 ± 5 MPa and 450 ± 10 MPa, suggesting that the solidification cellular 
structure is a major contributor to the strength. Interestingly, we also measured an approximately 
48 ± 27% volume fraction of grains containing the solidification cellular structures in the Concept 
sample. The large error bar from the measurement is due to the large variations of cell volume 
fraction from image to image and the uncertainty to distinguish between cellular structures and 
dendrites from the cross-section images. Additionally, questions remain whether the solidification 
cells can be as effective as HAGBs in terms of strengthening, in which cellular wall thickness is 
considered critical46. Nevertheless, this simplified estimate hints at additional strengthening effects 
of other sources such as dislocations and LAGBs in L-PBF 316L SS. Surprisingly, we measured 
d~20 ± 4.0 µm (SI, Fig. S8) for the Fraunhofer sample, which is substantially smaller than that (45 
± 7.9 µm) of the Concept sample. This is counterintuitive as the former shows a much lower yield 
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strength. This favourably argues that the strength of L-PBF 316L SS is mainly determined by its 
sub-grain structures instead of HAGBs. The strengthening effect of oxides is found to be negligibly 
small in our Concept samples (SI, Fig. S9). 
To understand the origin of steady work hardening behaviour of L-PBF 316L SS, we  
performed in-situ SXRD experiments on three Concept samples, the main results of which are 
presented in Fig. 3 and SI, Figs. S10-13. The high energy synchrotron source (~100 keV) allows 
us to track six reflections in real-time (i.e., 111, 200, 220, 311, 222, 400) during tensile deformation 
(SI, Fig. S10). Fig. 3a shows a tensile true stress-strain curve tested at a 2.0×10-4 s-1strain rate, with 
two unloading (U1, U2) and reloading (R1, R2) segments. A hysteresis loop associated with the 
Bauschinger effect is revealed in the second unloading-reloading cycle, suggesting the existence 
of back stresses during plastic deformation (SI, Fig. S11). In heterogeneous materials the back 
stress has been reported to help strain hardening13. The residual stress has also been considered 
important in influencing the yield and work hardening behaviour of some dual phase steels47. 
However, similar residual stress effect is not anticipated here but warrants future studies. 
To investigate the load partitioning and associated microplasticity, we calculate the elastic 
lattice strain as ɛhkl = (dhkl − 𝑑0
hkl )/ 𝑑0
hkl , where 𝑑0
hkl  and dhkl are lattice spacings for a 
crystallographic plane hkl at the stress-free state (see SI) and during loading, respectively. The 
𝑑0
hkl values are obtained by measuring a stress-released 316L SS, and the reference elastic lattice 
strain (𝜀𝑟
hkl) is calculated according to 𝜀𝑟
hkl= σ/Ehkl, where σ is the applied stress and Ehkl is the 
elastic modulus along a specific hkl direction (see SI, Table S4). Fig. 3b displays the measured ɛhkl 
versus true stress along the loading direction for four representative orientations (see SI, Fig. S12 
for the transverse direction), along with the reference 𝜀𝑟
hkl to guide the eyes. In contrast to the well-
annealed, coarse-grained material48, the L-PBF 316L SS exhibits a strong nonlinear response of 
ɛhkl at the outset of loading. This nonlinear behaviour is due to anisotropic residual strains in the 
as-built samples, manifested by nonzero ɛhkl at the zero stress. This causes the deformation of L-
PBF 316L SS to be highly heterogeneous in the initial loading. Interestingly, Fig. 3c indicates that 
ɛhkl becomes more linear during the second reloading (R2) until plastic yielding occurs at ~650 
MPa. Similar to the coarse-grained materials, the two elastically softest reflections 200 and 311 
remain the softest in the plastic region, and 222 and 220 reflections are the stiffest. These 
observations suggest a strong heterogeneous hardening behaviour during the initial loading and 
reloading, causing strain/stress repartitions and a change of internal stresses. The 222 texture 
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evolution plots shown in Fig. 3d and 3e indicate the build-up of 222 texture along the loading 
direction, consistent with deformation mediated by dislocation slips. In addition, 70° grain 
reorientations also occur, suggestive of twinning activities49. Concurrently, a strong accumulation 
of defects is detected, as evidenced by the continuous 400 peak broadening during loading (SI, 
Fig. S13).  
As suggested by our in-situ SXRD studies, the strong heterogeneities, pre-existing defects and 
strains/stresses in as-built 316L SS have impacts on the deformation behaviour. Our postmortem 
microstructural investigations at different strain levels in Fig. 4 reveal a variety of concurrent 
deformation mechanisms, including dislocation slips, cellular wall evolution, and deformation 
twinning. At a relatively low strain (~3%), Fig. 4a-c, dislocation slip is the dominant deformation 
mechanism. At this strain level, the cellular size and shape remain unchanged, Fig. 4a, suggesting 
the pinning effects of segregated elements (i.e., Cr and Mo). Dislocation trapping along the cellular 
walls is visible (inset of Fig. 4a). Also, one set of deformation twins are observed in a few grains 
(<10% of total grains) to nucleate from HAGBs and penetrate through the cellular walls and 
LAGBs, Fig. 4b. The average twin spacing at this stage is larger than 1 µm, Fig. 4c. The penetration 
of deformation twins across the cellular walls subdivides these cellular structures and promote 
dislocation-twin and dislocation-cellular wall interactions, thus offering a progressive work 
hardening mechanism. 
To further investigate the role of the cellular structures on the plastic deformation and strain 
hardening behaviour, we performed nanometre-resolution inverse-pole figure orientation mapping 
(IPFOM) in TEM for the 3%-deformed sample, Fig. 4d-e. In addition to little shape change of the 
cellular walls after deformation, surprisingly, we do not reveal any local misorientation across the 
majority of these walls, Fig. 4e. This confirms that these walls are not traditional dislocation walls 
that usually serve to accommodate local misorientations across the dislocation walls50. In contrast, 
our KAM map shown in Fig. 4d and 4e reveals up to 1.5° misorientation inside the cells that are 
associated with geometrically necessary dislocations. This suggests a strong dislocation trapping 
and retention mechanism inside these walls, consistent with the observed strain hardening 
behaviour. The dislocation blockage is also observed along the HAGBs, Fig. 4d (KAM map).  
As the applied strain increases to ~12%, twinning becomes an important mechanism. 
Numerous events of different twin sets cross each other inside the same grain, Fig. 4f-g. The 
cellular structure is retained at this strain level but slightly elongated. Twin-twin and twin-cellular 
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walls intersections provide a unique three dimensional network for progressive and steady work 
hardening in L-PBF 316L SS that is not readily available in conventional counterparts. At an even 
higher strain level of ~36%, the twin density increases substantially (SI, Fig. S14). However, the 
cellular structure is retained; it continues to interact with deformation twins and form a massive 
three-dimensional network obstacles to dislocation propagation. These postmortem TEM studies 
indicate the key roles that solidification cells and deformation twins play in maintaining the steady 
work hardening ability of L-PBF materials. In Fig. 2a, we observe that the high-strength L-PBF 
316L SS has a low but steady work hardening rate, likely due to the regulation effect of 
solidification cellular structure, which is relatively stable under deformation and helps to retain 
dislocations. In the meantime, deformation twinning progressively contributes to and further helps 
sustain the strain hardening at high stress levels, leading to a large uniform tensile elongation. 
To understand the impact of experimentally observed hierarchical microstructures, we 
developed a size-dependent crystal plasticity finite element (CPFE) model (Methods) to investigate 
the effects of grain-level and sub-grain-level heterogeneities and defects on the stress-strain 
responses. While EBSD measurements revealed a broad distribution of grain sizes and grain areas, 
our d-dependent CPFE simulations (SI, Fig. S15a-c) indicate that the strength and strain hardening 
are not controlled by the length scale effect of EBSD-identified grains, which mostly involve 
HAGBs (>10°). Specifically, we constructed a polycrystal model (SI, Fig. S15a) with a wide 
distribution of d and hence grain area distribution similar to that of L-PBF 316L SS (SI, Fig. S2 
and Fig. S15b). We developed a d-dependent constitutive model, in which both 𝜎y  and strain 
hardening properties within each grain depend on the local grain size. The corresponding 
constitutive parameters were determined by fitting to the experimental data of 316L SS that closely 
follow the Hall-Petch equation between 𝜎y  and d. Using this d-dependent CPFE model, we 
simulated the stress-strain response of uniaxial compression of L-PBF 316L SS. The numerical 
results show that  𝜎y and strain hardening responses are much lower than those from experimental 
measurements (see the green curve versus black curve in SI, Fig. S15c). This lends direct support 
to our earlier analysis of the important contributions of sub-grain heterogeneities and defects to 
the strength and hardening of L-PBF 316L SS. To a first order approximation, we assumed that an 
effective sub-grain length scale (denoted as L) controls the strength and hardening of L-PBF 316L 
SS. That is, the yield strength obeys the aforementioned Hall-Petch equation through L instead of 
grain size, such that 𝜎𝑦 = 183.31 + 253.66/√𝐿  (MPa) and the hardening parameters are also 
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modified accordingly. The simulated stress-strain response (see the red curve in SI, Fig. S15c) 
closely matches the experimental measurement. The extracted L value is ~205 nm. This result 
reinforces the notion that the strength, hardening and ductility of L-PBF SS are controlled by the 
collective effect of hierarchically heterogeneous microstructures, instead of the grains with 
HAGBs or a single length scale associated with sub-grain solidification cellular structures (see the 
corresponding model in SI, Fig. S15d and blue curve in SI, Fig. S15c). 
Due to the versatility of L-PBF technique, further property optimization is possible, for 
example, by tuning individual layer microstructure via different laser parameters and/or scan 
strategies. The approach could also potentially build materials with other functional properties in 
addition to high strength and high ductility. Note that the elemental segregations observed in the 
Concept samples might not be beneficial for corrosion resistance purposes18. Further flaw 
elimination in L-PBF metals remains a current challenge but is expected to continue improving 
the materials properties beyond those achievable through conventional processing approaches. 
Nevertheless, our work here demonstrates a new class of 3D-printed 316L SS that exhibits an 
exceptional combination of strength and ductility well surpassing that of conventional counterparts. 
These superior properties arise from the collective effects of hierarchically heterogeneous 
microstructures, including solidification cellular structure, LAGBs, and dislocations. This work 
demonstrates the flexibility of AM technique to tailor microstructures and produce metals and 
alloys with excellent properties. 
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Figure captions 
Figure 1 | Typical microstructure of a laser powder-bed-fusion (L-PBF) produced 316L 
stainless steel (SS). a. A schematic of various length scales uncovered in L-PBF 316L SS. b. A 
cross-sectional electron backscatter diffraction (EBSD) inverse pole figure (IPF) map of the as-
built L-PBF 316L SS sample showing grain orientations. The IPF map was acquired with a 2-µm 
step size. The build direction is horizontal. c. A cross-sectional scanning electron microscopy 
(SEM) image, revealing fusion boundaries, high-angle grain boundaries (HAGBs), and 
solidification cellular structures. The inset shows the cellular structure at a higher magnification. 
The build direction in this image is vertical. d. A bright-field transmission electron microscopy 
(TEM) image of solidification cells. e. A high-angle annular dark-field (HAADF) scanning TEM 
(STEM) image of the solidification cells shown in d. The nanoparticles segregated to the cell walls 
were identified as transition metal rich silicates formed during L-PBF processing. f. EBSD IPF 
map acquired with a 1-µm step size. g. EBSD image quality (IQ) map with HAGBs and low-angle 
grain boundaries (LAGBs) superimposed. As indicated in the legend, HAGBs (>10°) are coloured 
blue and LAGBs (2–10°) are coloured red. The fraction of HAGBs and LAGBs are ~59% and 
~41%, respectively. h. A map of the kernel average misorientation (KAM), measured in degrees, 
to illustrate the local misorientation across individual grain. It is evident that all of the grains have 
local misorientations on the order of 0.5 – 1°. i. A HAADF STEM (Z contrast) image showing 
segregation of Mo and Cr to the solidification cellular walls and a LAGB, with corresponding Fe, 
Mo, and Cr energy-dispersive spectroscopy (EDS) maps that confirm this segregation. The EDS 
map also verifies that particles are mostly rich with Si, O, and Mn (see Fig. S3). 
Figure 2 | Tensile properties of L-PBF 316L stainless steels (SS). a. Representative tensile 
engineering stress-strain curves for two L-PBF 316L SS (red curve: Concept sample; blue curve: 
Fraunhofer sample), compared to those of as-cast and as-wrought materials. The yield strength 
(YS), uniform elongation (EU), and ultimate tensile strength (UTS) are marked on the curves.  b. 
A summary of yield stress versus uniform elongation for various 316L SS, including our work, 
high-performance materials (strengthened by nanotwin bundles and bimodal grain materials), 
conventional coarse-grained materials (annealed microstructures), and materials strengthened 
through traditional plastic deformation. The outstanding combination of strength and ductility 
observed in 3D-printed steels (our work) exceeds that of conventional and even high-performance 
316L SS. The error bar of each data point from our work is shown in Table S3. 
 
Figure 3 | Synchrotron X-ray diffraction (SXRD) measurements during tensile deformation 
of an L-PBF 316L SS. a. True stress – true strain curve for the in-situ SXRD experiments, 
containing two unloading (U) and reloading (R) segments. The nominal strain rate was 2.0×10-4 
s-1. b. Elastic lattice strain (ɛhkl) along the loading direction (LD) during the initial deformation, 
for four hkl indices (i.e., 200, 220, 311, 222). The ɛhkl for 111 is not calculated due to the slight 
saturation of the detector for this peak. The dashed lines represent the reference lattice strain (𝜀𝑟
hkl) 
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calculated based on the elastic constant of each reflection. Note that the initial 𝜀𝑟
hkl is shifted in 
order to better guide the eyes. The significant non-linear elastic strain behaviour is observed, 
suggestive of inhomogeneous deformation. The details of ɛhkl behaviour vary from sample to 
sample; but all samples exhibited non-linear lattice strain evolution during the initial stage of 
loading. c. The ɛhkl behaviour during the second reloading (R2), showing much linear elastic 
behaviour up to an applied stress of ~650 MPa, after which strong deviations from linearity are 
observed. d. Texture evolution of the 222 reflection during deformation, represented as diffracted 
intensity as a function of in-plane azimuthal angle (ψ) and testing time. The unloading and 
reloading are marked in green. The redistribution of residual strain observed in b also causes grain 
rotation at early test times. A clear build-up of 222 texture along the LD is observed, consistent 
with grain rotation due to dislocation slips, as well as 70° grain reorientations that agree with 
deformation twinning. One such reorientation is highlighted with a white arrow. e. The scattered 
intensity at two ψ angles related to the 70° grain reorientation highlighted in panel d. The change 
in scattered intensity corresponding to twin-induced grain reorientation begins at ~800 s. 
Figure 4 | Deformation structures of an L-PBF 316L SS after different levels of strain. a-c. 
Representative deformation microstructures at ~3% tensile strain. a. A HAADF STEM image of 
a solidification cellular structures after deformation. The shape and size of the cells are little 
changed. Trapping of dislocations at the cell walls was observed (inset). b. Deformation twins 
appear to nucleate from a HAGB and propagate through the cellular walls and a LAGB. c. A 
magnified image of b, showing that the deformation twin spacing is typically larger than 1 µm. d. 
Inverse pole figure (IPF, top panel) map acquired from a solidification cell region after 3% strain, 
with associated IQ (middle panel) and KAM (bottom panel) maps. The data was acquired using 
precession electron diffraction (PED)–based automated crystal orientation mapping (ACOM) in 
the TEM with a 10-nm beam size and a 10-nm step size. e. Plots of the misorientation angle 
variation, measured both with respect to the origin and from point-to-point, across multiple cells 
of the cellular solidification structure after ~3% strain, indicated by the solid white line in the 
image of e. f-g. Deformation microstructures at ~12% tensile strain. f. A HAADF STEM image 
showing intersections of deformation twins with the walls of solidification cells. These cells are 
observed to be slightly elongated at this strain. g. A bright-field TEM image revealing the 
intersections of twins (labelled as Set 1 and Set 2 in the upper grain of the image). The arrow 
indicates the intersection of twins with a HAGB, suggesting that HAGBs are the nucleation and/or 
blockage sites for twinning. 
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Methods 
Materials fabrication and mechanical tests The first type of 316L SS samples used in this study 
were fabricated by a commercial Concept Laser M2 powder-bed-fusion (L-PBF) machine 
equipped with a 400-W fibre laser in an argon environment. The beam size is 54 µm. This set of 
samples is referred to as “Concept samples”. The oxygen content was maintained below ~0.1-
0.2% during L-PBF processing, and the build plate was 304 SS. A plasma atomized 316L powder 
was used (Additive Metal Alloys (AMA), Ltd., USA), with a mean particle size of ~30 µm. In 
order to obtain near fully dense samples, we performed a series of control experiments by building 
316L SS pillars (10 mm (length) × 10 mm (width) × 8 mm (height)) and applied a density 
optimization approach to optimizing the laser parameters17. Microstructure and mechanical 
property characterizations were conducted on selected pillar samples, including nanoindentation 
and compression tests. For tensile plate builds (40 mm (length) × 20 mm (width) × 2 mm 
(thickness)), we chose laser parameters that yielded samples with a density better than 99.2%. Both 
continuous and island scan strategies were applied. Dogbone samples with a gauge section of 6.5 
mm (length) × 1.5 mm (width) × 1.1 mm (thickness) were machined from the build plates for 
tensile tests. Two 3.5 mm gauge length samples were also machined for comparison purpose. 
Before the test, all samples were polished down to a metallurgical grit of 1200 SiC paper. 
The second type of 316L SS samples were built using an open architecture Fraunhofer L-PBF 
machine, with a 207 µm beam diameter. This batch of samples is referred to as “Fraunhofer 
samples”. The machine uses a 400-W fibre laser and an argon build environment. Eighteen thin 
plates, 40 mm (length) × 40 mm (width) × 3 mm (thickness) were built with a 316L SS powder 
similar to that used by the Concept machine. Plates were built both horizontally and vertically, 
with 90° or 45° hatching patterns. A continuous scan strategy was adopted for these plates. The 
same geometry tensile samples as those from the Concept builds were machined out of these plates. 
Uniaxial tensile tests were carried out in an Instron 4444 (Norwood, MA, USA) tensile 
machine at a nominal strain rate range of 1×10-4 s-1 - 1×10-3 s-1. The load cell has a maximum 
capacity of 2 kN. The tensile elongation was measured by an LE-01 laser extensometer (Electronic 
Instrument Research, Irwin, PA, USA) with a displacement resolution of 1 μm. Two pieces of 
silver tape were attached to the sample gauge and act as reflective markers for the laser 
extensometer. The tests were repeated 2-3 times for each type of sample, which yielded standard 
error bars. 
 
Composition analysis The compositions of L-PBF 316L steels were analysed by inductively 
coupled plasma mass spectroscopy (ICP-MS) for metallic elements and instrumental gas analysis 
(IGA) for light elements (e.g., oxygen, nitrogen, hydrogen) (Evans Analytical Group, LLC., USA), 
after dust and moisture removal. The details of the IGA method can found seen in ref.51. 
 
Synchrotron X-ray diffraction (SXRD) Standard diffraction data were collected at the Advanced 
Photon Source (APS) of Argonne National Laboratory at beamline 11-ID-B, equipped with an 
amorphous silicon-based area detector (Perkin-Elmer). The X-ray beam energy was 86.70 keV (λ 
= 0.1430 Å), and the beam size was 0.5 × 0.5 mm2. The sample to detector distance was set at 95 
cm.  
In-situ SXRD tensile tests were conducted at beamline 6-ID-D at APS. Two-dimensional (2D) 
X-ray diffraction patterns were collected in transmission mode at the gauge section of the dogbone 
tensile specimen (gauge length: 8.0 mm, width: 1.5 mm, thickness: 0.5 mm) with monochromatic, 
100.135 keV (λ = 0.123595 Å) X-rays and a slit size of 1 mm (width) × 0.2 mm (height). 
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Diffraction data were collected in transmission geometry using a GE amorphous silicon detector 
with a 200 × 200 µm2 pixel size that is positioned at 142.4 cm behind the sample. Diffraction 
patterns were collected every 2 s in real time during uniaxial tensile deformation. The samples 
were loaded with a Zwicki Z2.5 tester equipped with a non-contact laser extensometer to measure 
the strain. The nominal strain rate was ~2.0-4.0 × 10-4 s-1. The diffraction patterns were integrated 
in 8° azimuthal bins using Fit2D to obtain 1-D diffraction patterns as a function of the azimuthal 
angle. To quantify the elastic lattice strain, inhomogeneous strain (peak broadening), and texture 
changes during loading, the peaks in the 1-D patterns were fit with a pseudo-Voigt function using 
a custom Matlab program. The stress-free reference 316L sample was obtained by annealing an 
as-printed Concept sample at 1038 °C for 1 hr followed by furnace cooling under an argon 
environment. A separate reference sample annealed at 1200 °C for 1 hr was also used for 
comparison. The selection of the reference materials affects the absolute elastic lattice strain values 
but not the general trends observed in Fig. 3.  
 
Electron back scattered diffraction (EBSD) in a scanning electron microscope (SEM) EBSD 
was performed in a Quanta 200 Field Emission Gun SEM (FEG/SEM) equipped with a four-
quadrant solid-state backscatter electron detector. A TexSEM Laboratories (Provo, UT) OIM 4 
system equipped with a Peltier cooled CCD camera was used. Specimens were tilted to 70° in the 
SEM chamber at an accelerating voltage of 30 keV. A typical scan area of 2 mm × 2 mm was used 
for EBSD analysis with a step size of 0.1-1 μm. EBSD data were analysed with the Orientation 
Imaging Microscopy (OIM) Analysis™ software provided by EDAX. To calculate the grain size, 
each grain was considered as a sphere from which the diameter (grain size) was deducted. 
Interfaces between grains were considered as low angle grain boundaries (LAGBs) when the 
misorientation angle was 2-10°, otherwise they were considered as high angle grain boundaries 
(HAGBs). 
 
Transmission electron microscopy (TEM) and inverse-pole figure orientation mapping 
(IPFOM) in TEM Conventional bright-field (BF), dark-field (DF), and high-angle annular dark 
field (HAADF) TEM was performed in a FEI 80-300 Titan TEM operated at 300 kV with a point-
to-point resolution of ≤0.2 nm and a maximum resolution of ≤0.135 in HAADF high-resolution 
STEM mode. The IPFOM was performed in a Philips CM-300 microscope operated at 300 kV. 
The resolution of the IPFOM depends upon the probe size and the scan step size. Similar IPFOM 
techniques have been used previously in our work to identify nanometre scale defects on coherent 
twin boundaries52. The chemical mapping was performed using an FEI Titan TEM at Oregon State 
University, with ChemiSTEM capability, to generate high quality STEM energy-dispersive X-ray 
spectroscopy (EDS) maps using its four embedded Bruker SDD detectors and an accelerating 
voltage of 200 kV. TEM samples were prepared by standard electropolishing techniques. 
 
The construction of normalised processing diagram for L-PBF 316L SS To compare various 
laser processing parameters used in this work, we follow the pioneering work of J.C. Ion et al.20 
and M. Thomas et al.21 to calculate various parameters as follows.    
𝐸𝑚𝑖𝑛
∗ =
𝑝∗
𝑣∗𝑙∗
=
𝐴𝑝
2𝑣𝑙𝑟𝑏𝜌𝐶𝑝(𝑇𝑚−𝑇0)
  (1) 
where 𝐸𝑚𝑖𝑛
∗  is the dimensionless normalized volumetric energy density required to melt the 
material, and 𝑃∗, 𝑣∗, and 𝑙∗ are the dimensionless normalized laser power, laser speed, and layer 
thickness, respectively. 𝐴 is the surface absorptivity (~0.35)16, 𝑝 the laser power (W), 𝑣 the laser 
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speed (m/s), 𝑙 the layer thickness (m), 𝑟𝑏 the beam radius (m), ρ the density of 316L SS, 𝐶𝑝 the 
specific heat capacity (Jkg-1K-1), 𝑇𝑚  the melting temperature (1673K), and 𝑇0  the initial (or 
powder bed) temperature. For both Concept and Fraunhofer machines, the beam spot size is 
defined by D4σ values. 
The dimensionless beam power is defined as follow: 
𝑝∗ =
𝐴𝑝
𝑟𝑏𝑘(𝑇𝑚−𝑇0)
 (2) 
where 𝑘, the thermal conductivity, is given by: 
𝑘 = 14.307 + 0.0181𝑇𝑚 − 6 × 10
−6𝑇𝑚
2  (3) 
The dimensionless beam speed is obtained hereafter: 
𝑣∗ =
𝑣𝑟𝑏
𝐷
 (4) 
where 𝐷 is the thermal diffusivity at melting (5.38×10-6 m2/s)53.  
The dimensionless layer thickness is calculated as 
𝑙∗ =
2𝑙
𝑟𝑏
  (5) 
The dimensionless hatch spacing (ℎ∗) is: 
ℎ∗ =
ℎ
𝑟𝑏
 (6) 
where ℎ is the hatch spacing. 
 
The estimate of oxide strengthening effect Assuming oxides observed in L-PBF 316L SS act as 
the pinning obstacles to dislocation motion and using the Orowan strengthening model, we 
evaluate the contribution to strength due to nanoparticles according to 
τ = Gb/(L-d), (7) 
where G (=78 GPa) is the shear modulus of 316L SS, b (=0.258 nm) the Burgers vector. L the 
average distance between particles, and d the average diameter of particles. The particles measured 
in a Concept sample have an average distance and spacing of L=4.1 μm and d=65 nm (see Fig. 
S9), respectively. This yields a strengthening effect of τ =5-10 MPa, which is negligibly small. 
 
Crystal plasticity finite element modelling  
Grain-size-dependent crystal plasticity model:  To investigate the effect of grain size 
distribution on the stress-strain behaviour of L-PBF 316L SS, the conventional crystal plasticity 
theory was extended by incorporating the grain size dependence of yield strength54-57. The 
complete details of the grain-size-dependent crystal plasticity model used in this work can be found 
in a recent article by Zeng et al.54. To apply this model to L-PBF 316L SS, we assumed the slip 
resistance parameters in each grain, including {
0s , 0h , a , sats , m}, were inversely proportional to 
the square root of grain size d,  
  1/20 0 sat( ), ( ), ( ), ( ), ( ) ~s d h d a d s d m d d

 (8) 
In Eq. (8), the initial slip resistances 
0s  were estimated from the Hall-Petch relation given in 
the main text, 𝜎y= 183.31 + 253.66/√𝑑 (MPa) (by using the Taylor factor of 2.5)
10. The strain rate 
sensitivity m of coarse-grained (CG) SS varied from 0.007 and 0.005 for grain size d from 3.1 µm 
to 33 µm58,59. The strain hardening related parameters {ℎ0, a , sats } were determined by fitting to 
the experimental stress-strain curves of SS for two grain sizes of 3.1 µm and 33 µm10. For the 3.1 
µm grain, we took ℎ0 = 980 MPa, a  = 3.2, sats  = 1050 MPa; and for the 33 µm grain, ℎ0 = 1030 
MPa, a  = 3.5, 
sats  = 950 MPa.  To evaluate {ℎ0, a , sats , m} for intermediate grain sizes, we used 
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the above bounding values to fit the formula of 1 2A B C d     where B  and C  are the fitting 
constants. The following fitting formulas were obtained 
1 2
0(MPa) 73.32 101.46s d
   , 
1 2
0(MPa) 1052.1 126.94h d
   , (9) 
1 23.6326 0.7616a d    , 1 2
sat (MPa) 905.8 253.88s d
   , 1 20.0041 0.0051m d     
 Other material properties, including elastic constants (
11C , 12C , 44C ), twelve 110}111{  slip 
systems, and the latent hardening matrix  q , were assumed to be independent of grain size. 
For FCC Fe, we took 
11 260 GPaC  , 12 111 GPaC   and 44 77 GPaC  ; q
  = 1.0 if the slip 
systems   and   are coplanar and q  = 1.4 if they are non-coplanar57. 
Finite element model and simulation: Fig. S15a shows a three-dimensional polycrystal model 
of L-PBF SS created with an open-source software Neper60. The grain sizes in this model are 
widely distributed so as to match the experimental measurements of grain volume distribution 
(Fig. S15b). To construct the model, the first step was to pack poly-dispersed spherical particles 
with a prescribed distribution of diameters. The geometry of packed particles was generated from 
a discrete element method simulation with LAMMPS41,61. In this simulation, spherical particles 
with diameters ranging from 3 µm to 30 µm were poured into a cubic container. The number of 
particles with each diameter was prescribed. The built-in Hertzian model for granular spherical 
particles was used to simulate the particle interactions, and the particle system was relaxed35,62,63. 
After relaxation, the centroids of the particles were taken as the centroids of the grains, and the 
diameters of the particles as the grain diameters. Given the diameter and the centroid coordinate 
of each particle, Laguerre tessellation was applied to construct the weighted Voronoi diagram with 
Neper. Each Voronoi cell is a polyhedron with an irregular shape, representing a grain in the L-
PBF SS structure. The diameter and the volume of each grain were calculated with the built-in 
functions in Neper. Furthermore, the fractions of particles with different diameters were carefully 
tuned to obtain the desired volume fraction in Fig. S15b. Then the polycrystal structure was 
meshed with the built-in meshing function in Neper with four-node linear tetrahedral elements 
(C3D4). The meshes were imported into ABAQUS/CAE to reproduce the sample of the L-PBF 
SS in ABAQUS/CAE64. The overall sample geometry is 73 µm × 73 µm × 73 µm (x × y × z) with 
a total of 88,944 elements. Displacements and tractions are continuous at grain boundaries, such 
that no separation or sliding is allowed between every pair of adjoining grains.  
 Using the finite element structure model of L-PBF SS in Fig. S15a, we performed the grain-
size-dependent crystal plasticity simulations of uniaxial compression of L-PBF 316L SS. We used 
an experimental compression curve as it better represents the intrinsic strain hardening behaviour 
of L-PBF SS. The orientation of grains was assigned randomly in terms of three Euler angles, {
,  ,  }, representing rotations from the crystal basis to the global basis57. A user material 
subroutine VUMAT was developed in ABAQUS/EXPLICIT to implement the grain-size-
dependent crystal plasticity model described above. With reference to Fig. S15a, the boundary 
conditions of the L-PBF SS sample were prescribed as follows: on x = 0 surface, the displacement 
in the x direction is zero (ux = 0); on y = 0 surface, the displacement in the y direction is zero (uy = 
0); on z = 0 surface, the displacement in the z direction is zero (uz = 0); on the y = 73 µm and z = 
73 µm surfaces, the traction is zero; on x = 73 µm surface, the velocity in the x direction is constant 
(vx = -7.3 × 10−4 µm/s), corresponding to an applied compressive strain rate of 10−5/s.  In Fig. 
S15c, we compare the experimental measurement (black curve) and the simulation result (green 
curve) from the polycrystal model with a wide distribution of grain sizes.  The large discrepancy 
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indicates that the sub-grain heterogeneities and defects play a dominant role in governing the 
strength and hardening of L-PBF SS. 
 To estimate the effective strength-controlling length scale associated with sub-grain 
heterogeneities and defects, we assumed, to a first approximation, that the slip resistance 
parameters are governed by a single sub-grain length L. By fitting to the experimental stress-strain 
curve of L-PBF SS, we obtained the slip resistance parameters: 0s  = 300 MPa, 0h  = 320 MPa, a  
= 1.1, sats  = 980 MPa. The strain rate sensitivity m is 0.025, which was measured in our 
experiments. To match the Hall-Petch relation of yield strength, 
𝜎y= 183.31 + 253.66/√𝐿 (MPa), (10) 
the corresponding L was estimated as ~205 nm. This indicates that the effective strength-
controlling length scale is much smaller than the average size of sub-grain cellular structures, 
which was measured in the range of 300-1000 nm in our experiments.  
 In fact, our experiments showed that the grains containing sub-grain cellular structures 
typically occupy ~40-70% volume fraction of the sample. To investigate the effects of sub-grain 
cellular structures on the stress-strain behaviour of the entire sample, we randomly selected 60% 
grains in the finite element polycrystal model as the grains containing cellular structures. Fig. S15d 
shows a mixture model containing the grains without cellular structures (coloured in green) and 
grains with cellular structures (coloured in red), the latter of which occupy ~60% volume fraction 
of the sample. The constitutive relation in the former depends on grain size and thus obeys the 
Hall-Petch relation of Eq. (9). In contrast, the constitutive relation in the latter is controlled by a 
single sub-grain length scale L = 205 nm and thus obeys Eq. (10). The simulated stress-stress curve 
from this model is shown in Fig. S15c as the blue curve, which is markedly different from the 
experimental measurement. This result indicates that the strength and hardening of L-PBF SS are 
not controlled by a single length scale associated with the sub-grain cellular structures. Instead, a 
multitude of structural and chemical heterogeneities, including HAGBs, LAGBs, sub-grain 
cellular structures, sub-cell dislocations, and segregated elements, collectively give rise to high 
yield strength as well as an exceptional combination of strength, hardening and tensile ductility. 
 
Data availability. The data that support the findings of this study are available from the 
corresponding author on reasonable request. 
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Figure 1 | Typical microstructure of a laser powder-bed-fusion (L-PBF) produced 316L 
stainless steel (SS). a. A schematic of various length scales uncovered in L-PBF 316L SS. b. A 
cross-sectional electron backscatter diffraction (EBSD) inverse pole figure (IPF) map of the as-
built L-PBF 316L SS sample showing grain orientations. The IPF map was acquired with a 2-µm 
step size. The build direction is horizontal. c. A cross-sectional scanning electron microscopy 
(SEM) image, revealing fusion boundaries, high-angle grain boundaries (HAGBs), and 
solidification cellular structures. The inset shows the cellular structure at a higher magnification. 
The build direction in this image is vertical. d. A bright-field transmission electron microscopy 
(TEM) image of solidification cells. e. A high-angle annular dark-field (HAADF) scanning TEM 
(STEM) image of the solidification cells shown in d. The nanoparticles segregated to the cell walls 
were identified as transition metal rich silicates formed during L-PBF processing. f. EBSD IPF 
map acquired with a 1-µm step size. g. EBSD image quality (IQ) map with HAGBs and low-angle 
grain boundaries (LAGBs) superimposed. As indicated in the legend, HAGBs (>10°) are coloured 
blue and LAGBs (2–10°) are coloured red. The fraction of HAGBs and LAGBs are ~59% and 
~41%, respectively. h. A map of the kernel average misorientation (KAM), measured in degrees, 
to illustrate the local misorientation across individual grain. It is evident that all of the grains have 
local misorientations on the order of 0.5 – 1°. i. A HAADF STEM (Z contrast) image showing 
segregation of Mo and Cr to the solidification cellular walls and a LAGB, with corresponding Fe, 
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Mo, and Cr energy-dispersive spectroscopy (EDS) maps that confirm this segregation. The EDS 
map also verifies that particles are mostly rich with Si, O, and Mn (see Fig. S3). 
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Figure 2 | Tensile properties of L-PBF 316L stainless steels (SS). a. Representative tensile 
engineering stress-strain curves for two L-PBF 316L SS (red curve: Concept sample; blue curve: 
Fraunhofer sample), compared to those of as-cast and as-wrought materials. The yield strength 
(YS), uniform elongation (EU), and ultimate tensile strength (UTS) are marked on the curves.  b. 
A summary of yield stress versus uniform elongation for various 316L SS, including our work, 
high-performance materials (strengthened by nanotwin bundles and bimodal grain materials), 
conventional coarse-grained materials (annealed microstructures), and materials strengthened 
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through traditional plastic deformation. The outstanding combination of strength and ductility 
observed in 3D-printed steels (our work) exceeds that of conventional and even high-performance 
316L SS.  
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Figure 3 | Synchrotron X-ray diffraction (SXRD) measurements during tensile deformation 
of an L-PBF 316L SS. a. True stress – true strain curve for the in-situ SXRD experiments, 
containing two unloading (U) and reloading (R) segments. The nominal strain rate was 2.0×10-4 
s-1. b. Elastic lattice strain (ɛhkl) along the loading direction (LD) during the initial deformation, 
for four hkl indices (i.e., 200, 220, 311, 222). The ɛhkl for 111 is not calculated due to the slight 
saturation of the detector for this peak. The dashed lines represent the reference lattice strain (𝜀𝑟
hkl) 
calculated based on the elastic constant of each reflection. Note that the initial 𝜀𝑟
hkl is shifted in 
order to better guide the eyes. The significant non-linear elastic strain behaviour is observed, 
suggestive of inhomogeneous deformation. The details of ɛhkl behaviour vary from sample to 
sample; but all samples exhibited non-linear lattice strain evolution during the initial stage of 
loading. c. The ɛhkl behaviour during the second reloading (R2), showing much linear elastic 
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behaviour up to an applied stress of ~650 MPa, after which strong deviations from linearity are 
observed. d. Texture evolution of the 222 reflection during deformation, represented as diffracted 
intensity as a function of in-plane azimuthal angle (ψ) and testing time. The unloading and 
reloading are marked in green. The redistribution of residual strain observed in b also causes grain 
rotation at early test times. A clear build-up of 222 texture along the LD is observed, consistent 
with grain rotation due to dislocation slips, as well as 70° grain reorientations that agree with 
deformation twinning. One such reorientation is highlighted with a white arrow. e. The scattered 
intensity at two ψ angles related to the 70° grain reorientation highlighted in panel d. The change 
in scattered intensity corresponding to twin-induced grain reorientation begins at ~800 s. 
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Figure 4 | Deformation structures of an L-PBF 316L SS after different levels of strain. a-c. 
Representative deformation microstructures at 3% tensile strain. a. A HAADF STEM image of a 
solidification cellular structures after deformation. The shape and size of the cells are little 
changed. Trapping of dislocations at the cell walls was observed (inset). b. Deformation twins 
appear to nucleate from a HAGB and propagate through the cellular walls and a LAGB. The inset 
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is a magnified image of a stacking fault, the width of which was used to estimate the stacking fault 
energy of L-PBF 316L SS. c. A magnified image of b, showing that the deformation twin spacing 
is typically larger than 1 µm. d. Inverse pole figure (IPF, top panel) map acquired from a 
solidification cell region after 3% strain, with associated IQ (middle panel) and KAM (bottom 
panel) maps. The data was acquired using precession electron diffraction (PED)–based automated 
crystal orientation mapping (ACOM) in the TEM with a 10-nm step size. e. Plots of the 
misorientation angle variation, measured both with respect to the origin and from point-to-point, 
across multiple cells of the cellular solidification structure after 3% strain, indicated by the solid 
white line in the image of e. f-g. Deformation microstructures at 12% tensile strain. f. A HAADF 
STEM image showing intersections of deformation twins with the walls of solidification cells. 
These cells are observed to be slightly elongated at this strain. g. A bright-field TEM image 
revealing the intersections of twins (labelled Set 1 and Set 2 in the upper grain of the image). The 
arrow indicates the intersection of twins with a HAGB, suggesting that HAGBs are the nucleation 
and/or blockage sites for twinning.  
 
 
